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Abstract Phase stability of AlxCo0.2Cr0.2Ni0.2Ti0.4 2 x

(x = 0.1, 0.2 or 0.3, in mole fraction) high entropy alloys

(HEAs) in both as-cast and as-annealed states is studied

through thermodynamic calculations and experimental

characterization. Both disordered bcc_A2 and ordered

bcc_B2 phases are observed in the as-cast alloys and

exhibit rather high stability with slow diffusion kinetics

during post-annealing. Influences of Al/Ti content ratio on

lattice constant, phase stability and hardness are discussed

through comparison between computation and experi-

ments. It is found that higher Al/Ti ratio stabilizes phases

dramatically for both bcc_A2 and bcc_B2 phases, which

are observed in all three as-cast AlxCo0.2Cr0.2Ni0.2Ti0.4 2 x

HEAs. The comparison between calculation of phase dia-

grams (CALPHAD) model prediction and experimental

results indicates a promising approach to design HEAs by

applying the CALPHAD database. Moreover, the current

CALPHAD database still needs to be further improved for

a reliable parametric design of alloy composition and post-

heat treatment.

Keywords alloy thermodynamics � high entropy alloys �
microstructure � phase stability

1 Introduction

HEAs constitute a newly-emerging class of materials,

which are typically comprised of five or more principal

elements with the atomic percentage of 5–35% for each.[1]

Due to high configurational entropy with induced high

stability, such alloys often favor solid solution formation

over competing intermetallic compounds. Therefore, there

is a high chance to observe basic crystal structures in the

alloys such as body centered cubic (bcc), face centered

cubic (fcc), hexagonal close packed (hcp), mixture of the

above, or solid solution phases co-existing with other

intermetallic compounds.[2] Some HEAs are developed

with superior properties, for example, outstanding

mechanical strength with good ductility, and high corrosion

resistance.[2
–9] Among these studied HEAs, the Al-Co-Cr-

Fe-Ni system has been investigated by many researchers

due to its potential in high-temperature high-strength

applications.[10] It is generally believed that Co and Ni are

essential for high temperature structural materials,[11–13]

while Cr and Al are necessary to enhance corrosion resis-

tance.[14–16] Al is able to influence the phase formation and

acts as bcc phase stabilizer.[17–19] The Al-Co-Cr-Fe-Ni

equiatomic HEAs are found to have disordered bcc_A2 and

ordered bcc_B2 phases after annealing.[14] Furthermore,

Wang et al.[17] investigated the phase formation in as-cast

AlxCoCrFeNi (x = 0–0.2, in molar ratio) alloys and found

the content of Al can influence the phase formation. A

dual-phase microstructure with the mixture of bcc_A2 and

bcc_B2 is observed in alloys when x is between 0.9 and

2.0. Besides, the alloy Al0.9CoCrFeNi is found to exhibit

the highest hardness due to its fine microstructure intro-

duced by spinodal decomposition.

Although the addition of Fe may reduce the cost and

result in higher stability of bcc structure, it is intriguing to
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study the addition of Ti as an alternative path in HEA

design, especially if the low-density for high-temperature

applications are considered as the highest priority. So far,

contrary to the Al-Co-Cr-Fe-Ni system, no studies have

been reported on the Al-Co-Cr-Ni-Ti system. Therefore,

three Al-Co-Cr-Ni-Ti HEAs are studied in this work to

understand the process-microstructure-property relation-

ships, which are indispensable for the development of the

Al-Co-Cr-Ni-Fe-Ti alloy as the next step.

The ICME (Integrated Computational Materials

Engineering) method offers engineers and scientists an

efficient way for HEA design. As one of the supporting

computational approaches for ICME, the CALPHAD

method has been employed to predict phase stability,

phase transformation temperature, phase composition

and thermodynamic properties of HEAs,[20–23] these

properties are essential for alloy development and pro-

cess optimization. In addition, ab initio calculations have

also been utilized in HEA studies as a complementary

tool, which can be used as the support for the CAL-

PHAD modeling, especially when the pertinent experi-

mental data are lacking.[2,24–26] Although the ab initio

approach has been extensively used in the theoretical

calculations for alloys, the random mixing of the atoms

of the solution phases in multicomponent HEA becomes

one of the major obstacles for related energetic calcu-

lations. As another computational tool at the atomistic

scale, molecular dynamics method can be employed to

predict phase structure and atomic origins of phase

transformation in HEAs,[2,27,28] but the calculation effi-

ciency is limited by the availability of the atomic

potential. Recently, some promising results have been

demonstrated by Huhn and Widom et al.,[29,30] who

developed a hybrid Monte Carlo/molecular dynamics

method to predict the order/disorder phase transition[29]

and temperature-dependent chemical ordering effects[30]

of refractory HEAs.

Nevertheless, the CALPHAD approach, so far, is

considered as one of the most efficient ways for HEA

composition design and processing optimization over

wide composition and temperature ranges.[31,32] However,

owing to the complexity of the multicomponent HEA

systems, the reliability of the CALPHAD model-predic-

tion should be evaluated, especially for the systems

lacking reported experimental data.[26,32] Therefore, one

of the purposes of this work is to evaluate the uncertainty

and limitations of the CALPHAD database TCHEA1 for

the Al-Co-Cr-Ni-Ti HEA design modeling. The experi-

mental data obtained in this work will further support the

future improvement of the CALPHAD database of the Al-

Co-Cr-Ni-Ti system.

2 Experiments

In total, three button alloys were arc-melted in a copper cru-

cible under an argon atmosphere (Arc-Melter ABJ-338

manufactured by Materials Research Furnaces Inc.). These

alloys are denoted as #1 (Al0.1Co0.2Cr0.2Ni0.2Ti0.3), #2

(Al0.2Co0.2Cr0.2Ni0.2Ti0.2) and #3 (Al0.3Co0.2Cr0.2Ni0.2Ti0.1).

Before the arc-melting, pure metals (purity[ 99.95 wt.%)

were weighted according to the elemental molar ratio in each

alloy in a high-precision balance with uncertainty of 0.1 mg.

Each alloywithweight about 10 gwas re-melted for 5 times

to ensure a high homogeneity with a total weight loss less

than 0.5%. Afterward, one part of each as-cast sample was

cut and encapsulated into quartz tubes under a vacuum

condition with back-filled argon for isothermal annealing at

1193 K for 650 h (labeled as #1H, #2H and #3H). Another

part of each as-cast sample was cut and encapsulated with

the same way, whereas the samples were annealed at

1193 K for 1200 h (labeled as #1HL, #2HL and #3HL).

After annealing, the quartz tubes with annealed samples

were subject to quenching in ice-water as the final step to

keep the phases achieved at 1193 K. It should be noted that

the quartz tubes were broken in the ice-water to ensure the

rapid cooling of alloy samples.

Crystal structures of different samples were identified by

x-ray diffraction (XRD) on alloy powders using a Bruker

D8 Discovery XRD System (Bruker AXS Inc., Madison,

WI, USA) with Cu Ka radiation, of which the wavelength

is 1.54 nm. The scanning speed was chosen as 0.68/min

and 0.028/step. Microstructure analysis and mechanical

property measurements were performed on alloys under

both as-cast and as-annealed states. Grain morphology and

phase composition were determined using a ZEISS Sigma

500 VP scanning electron microscope (SEM) with Oxford

Aztec energy dispersive x-ray spectroscopy (EDS). Phase

volume fractions were estimated based on the two-dimen-

sional microstructure images using the ImageJ software

package. Vickers microhardness was determined using a

Leco LM-800 tester under a 50 g load for 10 s.

3 Thermodynamic Models

In this work, the TCHEA1 database[33] developed by the

Thermo-Calc software AB is applied for the CALPHAD-

type thermodynamic evaluation on phase stability of the

prepared HEAs. Thermodynamic parameters are encrypted,

and thus are not available for report. And this is one of the

driving forces to evaluate the reliability of the TCHEA1

database. However, all of the phases in the TCHEA1

database are modeled within the framework of compound
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energy formalism.[34] The solution models are used for the

liquid and solid solution phases. As an example, the Gibbs

free energy of the bcc_A2 solution can be expressed as:

GA2
m ¼

Xc

i

x0i G
A2
i þ RT

Xc

i

xi ln xi þ Gex
m ðEq 1Þ

where GA2
m is the molar Gibbs free energy of the bcc_A2

phase, c is the number of components, xi is the mole

fraction of component i, 0GA2
i is the Gibbs free energy of

component i in the bcc_A2 phase, Gex
m is the excess Gibbs

free energy, which can be described using the Redlich–

Kister polynomials[35] and the Muggianu extrapolation.[36]

Generally, the intermetallic phases such as Laves phase can

be described using the sublattice model developed by

Hillert et al.[37–39] In addition, the ordered structure such as

the bcc_B2 phase is described using the order–disorder

transition model, which has been extensively described by

Sundman et al.[40]

The nonequilibrium Scheil–Gulliver model[41,42] is

applied to predict solidification paths and phase composi-

tion in the as-cast alloys. Moreover, equilibrium calcula-

tions were performed to understand the microstructure after

long-time annealing at 1193 K for 1200 h.

4 Results and Discussions

4.1 Solidification Microstructure of As-Cast

Samples

As shown in Fig. 1, the Scheil–Gulliver modeling indicates

that bcc_B2 is the primary solidification phase in all three

Fig. 1 Non-equilibrium solidification paths predicted by Scheil–Gulliver modeling for (a) sample #1; (b) sample #2; and (c) sample #3
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alloys, and bcc_A2 and Laves_C15 phases form subse-

quently. Moreover, the Laves_C15 phase forms as the

secondary solidification phase in alloy #1 while the

bcc_A2 forms secondarily in alloys #2 and #3. In order

to better understand the phase behavior in solidifica-

tion, some critical temperatures are defined for analy-

sis. Although the freezing range DT, can be defined as

TL - TS, which is the difference between the liquidus TL
and solidus TS temperatures, a generic notation as shown

in Fig. 1(b) is used to represent temperature ranges of

phase formations during solidification. For example, Tfs is

used to represent the starting temperatures of solid phase

formation. In this case, Tfs B2ð Þ ¼ TL is considered for

the bcc_B2 phase. Therefore, DTf B2ð Þ ¼ Tfs B2ð Þ � TS is

defined as the formation temperature range of the bcc_B2

phase. According to the Scheil–Gulliver modeling, the

freezing range of all three alloys, DT, is equivalent to the

formation temperature range of the bcc_B2 phase, i.e.

DT ¼ DTf B2ð Þ.
All of the above formation temperature ranges for dif-

ferent solid phases are summarized in Table 1. Both TL and

TS increase with higher Al/Ti content ratio, although one

would expect a decrease of the melting temperature from

alloy #1 to #3 due to the reduction of Ti, which has a much

higher melting temperature than Al. Figure 2 is the vertical

section plotted between Co0.2Cr0.2Ni0.2Ti0.4 and Al0.4
Co0.2Cr0.2Ni0.2, which presents a monotonic increase of the

liquidus temperature from alloy #1 Al0.1Co0.2Cr0.2Ni0.2
Ti0.3 to #3 Al0.3Co0.2Cr0.2Ni0.2Ti0.1.

In addition, the increasing Al/Ti ratio from alloy #1 to

#3 also leads to a higher formation starting temperature of

the bcc_A2 phase, Tfs A2ð Þ. The formation temperature

range DTf A2ð Þ of alloy #3 is the largest among all three

alloys, and it indicates a long transformation duration of

the bcc_A2 phase under solidification, which allows the

grain to grow and coarsen sufficiently. The formation

temperature range of different solid phases may explain the

morphology of bcc_A2 phase in the solidified microstruc-

ture in different samples. For example, the lamella-shape

bcc_A2 phase co-exists with bcc_B2 in both alloys #1 and

#2, (see Fig. 3a and d), while only blocky grains can be

observed in alloy #3 (see Fig. 3g) due to a wider formation

temperature range DTf A2ð Þ.

The Scheil–Gulliver model-prediction on bcc_A2 and

bcc_B2 formation is consistent with the microstructure

observation shown in Fig. 3(a), (d), and (g) and XRD

patterns given in Fig. 4. Regarding the Laves_C15 phase, it

is predicted to form in all three alloys by Scheil–Gulliver

model, while it was not observed in any of these alloys

experimentally. In fact, the calculations listed in Table 1

indicate an insufficient formation temperature range in both

alloy #2 (14.1 K) and #3 (5.1 K). Therefore, it is quite

Table 1 Calculated formation

temperature ranges (in Kelvin)

according to the Scheil–Gulliver

modeling

Alloy Al/Ti ratio TS Bcc_B2* Bcc_A2 Laves_C15

TL DT Tfs(A2) DTf A2ð Þ Tfs(Laves) DTf Lavesð Þ

#1 1:3 1508.1 1617.2 109.1 1554.7 46.6 1561.1 53.0

#2 1:1 1541.0 1665.2 124.2 1573.4 32.4 1555.1 14.1

#3 3:1 1545.4 1730.2 184.8 1665.1 119.7 1550.5 5.1

*TL = Tfs (B2), and DT = DTf (B2)

Fig. 2 Vertical section plotted between Co0.2Cr0.2Ni0.2Ti0.4 and

Al0.4Co0.2Cr0.2Ni0.2 of the Al-Co-Cr-Ni-Ti alloy system. Plot in

subfigure (b) is the magnification of (a)
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likely that the formation of Laves phase is kinetically

prohibited. Although the predicted formation temperature

range DTf Lavesð Þ of the Laves_C15 phase in alloy #1 is

relatively large (53 K), the formation of Laves_C15 phase

is still not found in experiment. It is probable that the phase

stability of Laves phase in this case is overestimated by the

thermodynamic prediction. Contrarily, according to the

comparison between modeling results in Fig. 1 and

experimental observation in Fig. 3 and 4, the Scheil–Gul-

liver modeling underestimates the phase stability of the

bcc_L21 phase in the solidification microstructure of alloy

#1.

As an alternative way to validate the accuracy of the

CALPHAD model-prediction, the phase compositions

predicted by the Scheil–Gulliver model are compared with

EDS results of as-cast alloys in Fig. 5. In principle, rea-

sonable agreements between modeling and EDS results can

be obtained, and the model-prediction is more accurate for

the case in alloy #3 than #1. In alloy #1 and #2, better

prediction on phase composition can be found in bcc_B2

than bcc_A2. The relatively large discrepancy in the

bcc_A2 phase composition between calculations and

experiments for alloy #1 (Fig. 5b) is mainly due to the

formation of Laves_C15 phase predicted by Scheil–Gul-

liver model. The formation of Laves phase changes the

remaining liquid composition during Scheil–Gulliver

modeling and leads to a more pronounced deviation from

the real case. Besides, the absence of bcc_L21 phase in the

calculation also affects the accuracy of the prediction.

Regarding the bcc_A2 phase in alloy #2 (Fig. 5d), the

model-predicted concentrations of Cr, Al, and Co agree

well with measurements. However, for Ti, and especially

Ni, the experimental values are much higher than predicted

ones. The inconsistency indicates the room to further

improve the accuracy of the HEA database.

The phase compositions obtained from calculations and

experiments are summarized in Tables 2, 3 and 4. The

bcc_B2 phase is rich in Co, Ni and Ti, but with a depletion

of Cr. The bcc_L21 phase is a Heusler type structure

(prototype: Ti2NiCo) with its composition similar to the

bcc_B2 phase. However, different with the case in the

bcc_B2 phase, Al but not Cr is the depleted in bcc_L21
phase. The bcc_A2 phase is Cr-rich, which indicates the

redistribution of Cr during the solidification processes.

Fig. 3 SEM micrographs of as-cast samples: (a) #1; (d) #2; (g) #3, samples annealed at 1193 K for 650 h: (b) #1H; (e) #2H; (h) #3H, and 1200 h

(c) #1HL; (f) #2HL; (i) #3HL
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4.2 Phase Stability Evaluation for Annealed

Samples

As shown in Fig. 6, the phase equilibrium calculations are

performed to gain valuable insights into the phase stability

in samples annealed at 1193 K for 1200 h, i.e. #1HL,

#2HL, and #3HL. According to the microstructure analysis

by SEM, the phase fraction was estimated using the two-

dimensional images and compared with the model-predic-

tion in Fig. 6. Therefore, it is difficult to evaluate the

uncertainty of the estimation on phase fraction. Neverthe-

less, the difference between experimental estimation and

model-prediction is significantly larger in the case of

bcc_L21 by comparing with the ones of bcc_A2 and

bcc_B2. For sample #1HL, bcc_L21 phase is observed in

experiments (Fig. 3c) but not predicted by the calculation

(Fig. 6a). Although the equilibrium calculations shown as

the solid curves in Fig. 6(b) predict the existence of the

bcc_L21 phase in sample #2HL at 1193 K, it is not sup-

ported by both microstructures in Fig. 3(f) and XRD pat-

tern in Fig. 4. Instead, the nonequilibrium calculations as

depicted by the dashed curve in Fig. 6(b) by excluding the

bcc_L21 phase agree well with the experimentally esti-

mated phase fractions of bcc_A2 and bcc_B2.

The experimental and calculated volume percentages for

each phase are listed in Table 5. Evidently, the bcc_L21
phase fraction of alloy #1 increases significantly after

annealing, which explains the observation of more distinct

phase boundaries in the microstructure in Fig. 3(b) and (c).

According to the experimental analysis, the bcc_B2 phase

fraction in alloy #1 decreases significantly after annealing,

while a slight increase in the bcc_A2 phase fraction can be

observed after isothermal annealing. In the case of alloy #2,

the bcc_B2 fraction slightly decreases after annealing

according to both experiments and calculations summa-

rized in Table 5. However, since the Scheil–Gulliver

model-prediction shows a considerable amount of

Laves_C15, which cannot be observed by SEM, the

agreement of the bcc_A2 phase between calculations and

experimental estimation on as-cast samples is less satisfied.

Similar cases can be found in Table 5 for alloy #3.

According to the comparison in Fig. 6 and Table 5, it can

be concluded that the CALPHAD model is more reliable in

predicting the phase fractions of bcc_A2 and bcc_B2 than

bcc_L21.

The phase compositions in the as-annealed alloys are

summarized in Fig. 7, and the comparison shows a rea-

sonable agreement between experiments and CALPHAD

model-prediction for both bcc_A2 and bcc_B2 phases.

Nevertheless, the agreement between CALPHAD model

prediction and experiments in bcc_A2 phase is not as good

as that in bcc_B2 phase, as can be found in Fig. 7(b),

(d) and (f), especially for Co and Ti. If we assume the long-

time annealing (1200 h) is sufficiently long enough to

reach the close-equilibrium states in the experiment, the

discrepancies observed in the phase composition indicate

the lack of accuracy of the thermodynamic model-predic-

tion. It is understandable that since the bcc_L21 phase is

not predicted by the thermodynamic calculations for alloy

#1, the accuracy of the model-prediction on bcc_A2 phase

composition can be affected consequently. However, con-

sidering bcc_A2 only occurs as the minor phase in these

alloys, and the CALPHAD database can reasonably predict

the Cr content as the major component in the bcc_A2

phase, the prediction is still valuable in guiding the HEA

development. More detailed information of phase compo-

sition in different alloys is summarized in Tables 2, 3 and

4. The small differences in phase compositions between

alloys annealed for 650 h and 1200 h confirm the sluggish

diffusion and high phase stability of these HEAs. Although

a considerable reduction of the bcc_B2 phase fraction in

alloy #1 is found after 650 h annealing, the phase com-

positions keep invariant in different annealing states as

shown in Table 2.

Fig. 4 XRD patterns of as-cast samples (#1, #2, & #3) and the ones

annealed at 1193 K for 650 h (#1H, #2H, & #3H) and 1200 h (#1HL,

#2HL, & #3HL). In the diffraction pattern of sample #1HL, the peak

occurring 2 h = 26.6� is due to the quartz contamination during

sample preparation, while the peak of (111) plane of L21 phase

locates in 2 h = 26.3�, which is close to the quartz peak
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Overall, the CALPHAD predicted phase stability and

compositions of bcc_A2 and bcc_B2 phases agree with

experimental observation. However, the model shows the

insufficient accuracy of the prediction on bcc_L21. As

discussed in Fig. 6, the model underestimates the bcc_L21
phase stability for the case of sample #1HL, but overesti-

mates it for #2HL. Therefore, a better description of

bcc_L21 phase is desired in the future improvement of the

thermodynamic database.

4.3 XRD Analysis Assisted by the CALPHADMolar

Volume Database

As shown in Fig. 4, the phase identification by XRD is

consistent with the microstructure analysis. Both bcc_A2

and bcc_B2 phases can be identified in all samples,

whereas bcc_L21 phase is found in alloy #1 under both as-

cast and annealed conditions. Broader peaks are observed

in sample #1, indicating they may have the more

Fig. 5 Comparison of phase

composition in as-cast alloys

between the Scheil–Gulliver

model-prediction and EDS

measurements. (a) the bcc_B2

phase of alloy #1; (b) the

bcc_A2 phase of alloy #1;

(c) the bcc_B2 phase of alloy

#2; (d) the bcc_A2 phase of

alloy #2; (e) the bcc_B2 phase

of alloy #3; and (f) the bcc_A2

phase of alloy #3
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Table 2 Phase composition for

alloy #1
#1 At.% Al Co Cr Ni Ti

Exp. Calc. Exp. Calc. Exp. Calc. Exp. Calc. Exp. Calc.

B2 #1 12.90 15.42 24.10 15.97 8.87 12.02 21.08 28.37 33.05 28.21

#1H 15.05 … 24.35 … 5.42 … 24.46 … 30.72 …
#1HL 15.54 11.89 21.52 24.31 6.70 2.91 24.60 24.38 31.65 36.50

A2 #1 4.95 3.31 14.12 5.03 42.99 87.46 13.54 1.43 24.40 2.78

#1H 2.48 … 11.04 … 61.47 … 8.47 … 16.54 …
#1HL 2.47 1.38 7.24 0.35 69.90 97.81 6.25 0.00 14.13 0.43

L21 #1 6.57 … 19.04 … 10.59 … 26.02 … 37.78 …
#1H 7.07 … 26.72 … 8.71 … 21.77 … 35.73 …
#1HL 7.56 … 24.57 … 8.08 … 21.07 … 38.72 …

Table 3 Phase composition for

alloy #2
#2 At.% Al Co Cr Ni Ti

Exp. Calc. Exp. Calc. Exp. Calc. Exp. Calc. Exp. Calc.

B2 #2 24.29 26.24 24.90 18.33 5.79 13.79 22.39 25.05 22.63 16.58

#2H 23.91 … 24.85 … 5.33 … 22.91 … 23.00 …
#2HL 25.51 23.46 24.14 23.93 4.70 4.57 22.97 24.04 22.69 23.99

A2 #2 6.92 8.85 8.90 8.28 65.40 75.20 6.78 1.92 12.00 5.75

#2H 4.43 … 7.64 … 74.69 … 4.98 … 8.27 …
#2HL 3.17 2.89 5.26 0.58 81.19 96.20 3.82 0.03 6.56 0.29

Table 4 Phase composition for

alloy #3
#3 At.% Al Co Cr Ni Ti

Exp. Calc. Exp. Calc. Exp. Calc. Exp. Calc. Exp. Calc.

B2 #3 34.05 38.32 22.47 21.08 10.93 10.05 22.66 24.79 9.89 5.77

#3H 33.22 … 22.70 … 11.11 … 22.76 … 10.22 …
#3HL 35.46 35.34 21.79 24.09 11.00 4.26 21.98 24.23 9.76 12.08

A2 #3 13.65 16.17 8.94 11.64 66.54 61.49 5.69 4.20 5.18 6.49

#3H 12.63 … 10.04 … 65.32 … 7.18 … 4.83 …
#3HL 11.77 4.82 8.89 0.71 68.94 94.26 6.20 0.03 4.20 0.18

Fig. 6 Comparison of phase fraction between CALPHAD equilibrium calculation and experimental analysis for alloys isothermally annealed at

1193 K for 1200 h (a) #1HL; (b) #2HL; and (c) #3HL
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pronounced lattice distortion. For the as-cast samples,

the peaks of the bcc_A2 and bcc_B2 phases are more

distinct in alloys #1 and #2, whereas the peaks of both

phases overlap in alloy #3. A similar trend of the over-

lapping XRD peaks can also be observed in the as-

annealed cases.

The overlapping peaks such as the ones in sample #3

may be due to the close lattice constants of bcc_A2 and

bcc_B2 phases. Therefore, in order to further assist the

XRD analysis, the CALPHAD molar volume database is

applied to estimate the 2h value through the calculations of

the lattice constants. In this work, the lattice constants of

the equilibrium phases are estimated from the Thermo-Calc

TCHEA1 database, and the calculations are performed on

samples #1HL, #2HL, and #3HL, since the long-time

annealed alloys are considered approaching to the equi-

librium state.

As an example, the calculated molar volumes of bcc_A2

and bcc_B2 phases are employed to determine the corre-

sponding Bragg’s angle of (110) peak, for which the

overlapping is noticeable in all three alloys (see Fig. 4).

The relationship between the lattice constant of bcc phase,

a, can be expressed as:

a ¼ 2Vm

NA

� �1
3

ðEq 2Þ

where Vm is the molar volume of the phases, and thus can

be directly achieved from the CALPHAD molar volume

database, and NA is the Avogadro constant. According to

the Bragg’s law,[43] the 2h value for (110) plane can be

expressed as:

2h ¼ 2 sin�1 k
2d110

� �
ðEq 3Þ

where k is the wavelength of Cu Ka x-ray of which the

value is 1:5406� 10�10 m, d110 is the interplanar spacing

between the (110) planes, which is equal to a=
ffiffiffi
2

p
for the

bcc structure.

The calculated and experimental 2h values differences

between bcc_A2 and bcc_B2 phases, D2h, for all three

long-time as-annealed samples are given in Table 6. Since

the calculated lattice constants of bcc_A2 and bcc_B2

phases are closer in sample #3HL, the corresponding D2h
values are thus smaller, which leads to the peak overlap-

ping. In addition, the experimental D2h value between

bcc_A2 and bcc_B2 phases decreases from sample #1HL

to #3HL. This can be confirmed from the CALPHAD-

based calculations as shown in Table 6.

4.4 Heat Treatment-Microstructure-Hardness

Relationships

Figure 8 presents the Vickers hardness of three alloys

under both as-cast and annealed conditions. According to

the information indicated in Table 5, Fig. 3 and 8, since

phase fraction and grain morphology show the least change

for alloy #3 before and after isothermal annealing, the

hardness of alloy #3 also has the least variation by com-

paring with alloys #1 and #2. The reduction of the hardness

of alloy #2 shown in Fig. 8 may be due to the combined

effects of a reduction in the volume of the A2 ? B2

lamella structure with increased interlamellar spacing,

because the volume of both bcc_A2 and bcc_B2 phases

does not change significantly in alloy #2 before and after

annealing as summarized in Table 5. By comparing with

the case in alloy #2, the change of the morphology with the

A2 ? B2 lamella structure in alloy #1 is less pronounced.

Instead the decrease of the bcc_B2 phase fraction and the

simultaneous increase of bcc_L21 could be the main con-

tributions to the softening effects observed in alloy #1.

Overall, the microhardness of the as-cast samples

decreases with the increase of Al/Ti ratio from sample #1

Table 5 Comparison of phase

volume percentage between

experimental estimation and

CALPHAD calculation for both

as-cast and annealed samples

Alloy no. Bcc_B2 Bcc_A2 Bcc_L21 Laves_C15

Exp. Calc.* Exp. Calc. Exp. Calc. Exp. Calc.

#1 80.44 74.41 6.92 0.91 12.64 … … 23.69

#1H 61.17 … 7.83 … 31.00 … … …
#1HL 60.64 83.35 8.30 16.65 31.06 … … 0

#2 90.18 88.06 9.82 2.37 … … … 8.61

#2H 90.15 … 9.85 … … … …
#2HL 88.23 83.94 11.77 16.06 … … … 0

#3 88.67 95.33 11.33 2.88 … … … 0.09

#3H 88.06 … 11.94 … … … …
#3HL 88.25 82.78 11.75 17.22 … … … 0

*CALPHAD equilibrium calculation is used for comparing with the experimental analysis on annealed

samples at 1193 K for 1200 h (#1HL, #2HL, and #3HL)
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to #3. This may be due to the reduction of the A2 ? B2

lamella structure, which can enhance the hardness as long

as the interlamellar spacing is moderately small. In addi-

tion, it is reasonable to conclude that the bcc_B2 phase also

contributes significantly to the hardness, because both

alloys #2 and #3 retain comparable hardness with alloy #1

after annealing, although samples #2H and #2HL show a

coarse A2 ? B2 lamella structure, and samples #3H and

#3HL do not have the lamella structure even.

Due to the high value of the hardness observed in the

studied HEAs, one potential application could be the laser

cladding HEA coating, which is one of the underdeveloped

areas receiving more research focus due to the develop-

ment of additive manufacturing and HEAs. In this work,

the density variation as a function of temperature is cal-

culated based on the Thermo-Calc TCHEA1 database as

shown in Fig. 9(a). According to the materials property

space for room-temperature hardness versus density of

Fig. 7 Comparison between

CALPHAD calculated and

experimental measured phase

composition of annealed

samples (a) bcc_B2, #1HL;

(b) bcc_A2, #1HL; (c) bcc_B2,

#2HL; (d) bcc_A2, #2HL;

(e) bcc_B2, #3HL; and

(f) bcc_A2, #3HL

J. Phase Equilib. Diffus.

123



laser cladding HEA coatings[44] presented in Fig. 9(b), the

Al-Co-Cr-Ni-Ti HEAs can be considered as one of the

outstanding candidate materials for light-weight high-

temperature applications.

5 Concluding Remarks

1. The CALPHAD thermodynamic database TCHEA1

can reasonably predict the phase stability in the Al-Co-

Cr-Ni-Ti alloys under the as-cast and equilibrium

conditions. The CALPHAD calculations predict the

presence of bcc_B2 as the major phase and bcc_A2 as

the minor phase in all AlxCo0.2Cr0.2Ni0.2Ti0.4 - x HEAs

studied in this work. The comparison between model-

prediction and experiments shows better agreement on

bcc_A2 and bcc_B2 phases. An improved thermody-

namic description of the bcc_L21 phase is needed for

the TCHEA1 database. Further development of the

CALPHAD HEA database is critical to the success of

the HEA development.

2. The higher Al/Ti ratio of the AlxCo0.2Cr0.2Ni0.2Ti0.4-x
alloys could increase the solidification temperature

ranges and solidus temperatures of HEAs during

solidification processes. The hardening effect of

bcc_B2 phase in as-cast HEAs can be enhanced by

the reduction of Al/Ti ratio.

Table 6 Comparison of calculated and experimental 2h values for (110) planes

Vm (m3), CALPHAD a (m) 2hð�Þ, calc. 2hð�Þ, exp.

A2 B2 A2 B2 A2 B2 D2h A2 B2 D2h

#1HL 7.454E-6 8.194E-6 2.915E-10 3.008E-10 43.90 42.47 1.43 44.27 43.17 1.10

#2HL 7.484E-6 7.917E-6 2.918E-10 2.974E-10 43.84 42.98 0.86 44.37 43.55 0.82

#3HL 7.524E-6 7.664E-6 2.924E-10 2.942E-10 43.75 43.47 0.28 44.35 44.07 0.28

Fig. 8 Vickers hardness of AlxCo0.2Cr0.2Ni0.2Ti0.4 - x under as-cast

and annealed conditions

Fig. 9 (a) Density variation vs. temperature of theHEAs studied in this

work. (b) Ashby plot of the materials property space for hardness vs.

density of laser cladding HEA coatings. The shadowed area represents

the possible density range that can be achieved for the Al-Co-Cr-Ni-Ti

alloys. The red star marks the room-temperature hardness range of the

three alloys studied in this work (Color figure online)
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3. Both bcc_B2 matrix and A2 ? B2 lamella structure

may contribute to the hardness of the HEAs studied in

this work. However, the A2 ? B2 lamella structure

requires a fine interlamellar spacing to reserve such a

contribution. Generally, long-time annealing can pro-

mote the formation of the Cr-rich bcc_A2 phase and

increase the interlamellar spacing, and this will result

in the decrease of hardness.

4. The CALPHAD molar volume database can be used

for the XRD analysis gaining useful insight into the

overlapping XRD peaks due to similar lattice con-

stants. The combined analysis of XRD, SEM/EDS and

microhardness indicates sluggish kinetics of the stud-

ied HEAs.

5. Due to the high specific hardness, the Al-Co-Cr-Ni-Ti

HEAs can be potentially applied as the light-weight

laser cladding HEA coatings.
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