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A B S T R A C T

Homogenization is one of the critical stages in the post-heat treatment of additive manufacturing (AM) com-
ponent to achieve uniform microstructure. During homogenization, grain coarsening could be an issue to reserve
strength, which requires careful design of both time and temperature. Therefore, a proper design of homo-
genization becomes particularly important for AM design, for which work hardening is usually no longer an
option. In this work, we discovered an intriguing phenomenon during homogenization of suction-cast and AM
Inconel 718 superalloys. Through both short and long-term isothermal heat treatments at 1180 °C, we observed
an abnormal grain growth in the suction-cast alloy but continuous recrystallization in the alloy made by laser
powder bed fusion (LPBF). The grain size of AM samples keeps as small as 130 μm and is even slightly reduced
after homogenization for 12 h. The homogeneity of Nb in the AM alloys is identified as the critical factor for NbC
formation, which further influences the recrystallization kinetics at 1180 °C. Multi-type dislocation behaviors are
studied to elucidate the grain refinement observed in homogenized alloys after LPBF. This work provides a new
pathway on microstructure engineering of AM alloys for improved mechanical performance superior to tradi-
tionally manufactured ones.

1. Introduction

As one of the most widely used additive manufacturing (AM)
techniques, laser powder bed fusion (LPBF) is capable of building
components with complex geometry layer-by-layer [1–6] and thus re-
quires less capital investment in tools and dies that are essential in the
conventional subtractive manufacturing [7]. LPBF has been applied to
manufacture different types of engineering alloys, such as Inconel 718,
which is a precipitation-hardenable superalloy with excellent mechan-
ical performance [8–16]. However, due to extremely high heating/
cooling rates and cycles, LPBF is easy to introduce anisotropic grain
structure in the as-built alloys [7,8,17–22], which becomes a challenge
for AM technique development. Moreover, because of the segregation of
Nb in the interdendritic area, the microstructure of as-solidified Inconel
718 often contains the hexagonal Laves_C14 phase, (Ni, Fe, Cr)2(Nb, Ti,
Mo) [16,23–28], which accelerates crack initiation and propagation
[29], and thus reduces tensile and stress rupture properties [30]. Ad-
ditionally, the Laves_C14 phase formation consumes the alloying ele-
ments such as Nb and Ti, which are essential to the formation of the γ”
(Ni3Nb, bct_D022) and γ' (Ni3(Ti, Al), fcc_L12) strengthening particles.
Therefore, the Laves_C14 phase needs to be dissolved by homogeniza-
tion, which becomes critical in the post-heat treatment design to

achieve the desired mechanical properties of the Inconel 718
[23,31–41]. Fig. 1 summarizes some typical heat treatments of wrought
Inconel 718 [42–44], and there are three homogenization choices: (i)
0.5–1 h at around 970 °C; (ii) 2 h at around 1000 °C; and (iii) 2 h at
around 1065 °C. In fact, a considerable amount of work has found that
the above heat treatment methods are insufficient for LPBF fabricated
alloys due to the anisotropic microstructures developed uniquely
during laser melting [20,28,36,40]. In the LPBF fabricated alloys, co-
lumnar grain texutre usually develops due to the thermal gradient in-
duced during the laser melting process [21,45–47]. Recently, some
research studies [28,36,48–51] indicate that homogenization at a
higher temperature above 1100 °C could result in the better mechanical
performance of Inconel 718, although the phase transformation me-
chanism behind this is yet unclear. Therefore, it is essential to gain
insights into the microstructure evolution during homogenization for
microstructure engineering on AM alloys.

As a consequence, this work aims to study phase transformation
behaviors during the homogenization of LPFB-made Inconel 718. It is
noteworthy that alloys under the LPFB process experience multiple
cyclic heating and cooling with different heating/cooling rates de-
pending on the laser scanning pattern, while regular casting typically
has one single melting and cooling for sample preparation. Suction-
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casting can be regarded as an extreme case of the casting methods, as it
can produce solidification rates at the order of 102–104 K/s [52,53],
which are much faster than those of the traditional casting methods
(0.1–0.01 K/s) [54]. It can also refine the microstructure and extend the
solid solubility [55]. However, the LPBF-made alloys have a much
faster solidification rate at a magnitude of 106 K/s [56] than the suc-
tion-cast alloys. Therefore, it is interesting to compare the micro-
structure evolution between the extreme casting case, i.e., the suction-
casting and the LPBF method. Hence, suction-cast alloys are used as a
reference for comparison in this work. Computational thermodynamics
is utilized to guide the experimental design through the CALPHAD
(CALculation of PHAse Diagrams) modeling.

2. Modeling and experiments

2.1. Thermodynamic modeling

Both equilibrium and nonequilibrium step diagrams (phase fraction
vs. temperature) of Inconel 718 are plotted in Figs. 2(a) & (b) using the
Thermo-Calc software according to the thermodynamic database
TCNI8, which is used for nickel alloy study. Solid phases such as γ
(fcc_A1), MC carbides (NbC with the fcc_B1 structure), δ (Ni3Nb with
the D0a structure), γ" and γ' are often observed during heat treatment.
As shown in Fig. 2(a), the NbC carbide is stable at high temperatures,
even at 1200 °C, and thus often co-exists with the γ matrix phase during
homogenization. With the proper size and distribution range, the NbC
carbide can act as the grain boundary pinning particles to impede grain
growth [22,57,58], whereas the coarsened NbC particles can introduce
micro-void softening effects with localized stress concentration and
crack initiation to reduce grain boundaries strength [59–61]. The δ
phase is stable up to 1034 °C (Fig. 2(a)). It usually forms at grain
boundaries with a needle shape, owns incoherent interfaces with the γ
matrix, and thus is detrimental to the alloy strength. Both γ" and γ'
particles are the strengthening phases of Inconel 718. They distribute
dispersively in the matrix as nano-size particles with coherent or semi-
coherent interfaces with γmatrix [12,62,63]. The γ" phase is metastable
and will transform into the δ phase after long-time aging [64–66]. Its
phase fraction is predicted by the nonequilibrium step diagram, as
shown in Fig. 2(b). The phase transformation during solidification is
predicted by the nonequilibrium Scheil-Gulliver modeling [67,68]. As
shown in Fig. 2(c), the NbC and Laves_C14 phases can form during
solidification, although the latter one is metastable. It is noteworthy

that, although the prediction indicates the late formation of δ and σ
phases close to the incipient melting point during solidification, these
two phases are not often observed in the as-solidified microstructure.

Although an isothermal heat treatment above the δ solvus tem-
perature for homogenization at 1065 °C shown in Fig. 1, may remove
the Laves_C14 phase and avoid the δ phase formation, a higher
homogenization temperature of 1180 °C is considered in this work to
explore new pathways for microstructure engineering. The homo-
genization at 1180 °C can efficiently dissolve the Laves_C14 phase and
promote the homogenization process. This temperature of 1180 °C is
above the reported recrystallization temperature of 1100 °C in AM In-
conel 718 alloys [48] and can thus introduce recrystallization effec-
tively for grain refinement. However, in industrial production, it needs
further evaluation to adopt 1180 °C as the homogenization temperature
because such a higher temperature is above the predicted incipient
melting point (1110 °C), as shown in Fig. 2(c). Hence, a lower homo-
genization temperature may be more suitable in production to avoid
liquidation cracking. It should be noted that considering the model
simplification with infinite diffusion in liquid and no diffusion in solid
phases, the predicted incipient point of 1110 °C by Scheil-Gulliver
modeling is lower than the experimental value of 1165 °C, which was
reported for the as-cast samples [69]. However, such a difference is
acceptable by considering the approximation applied in the Scheil-
Gulliver model [67,68].

2.2. Experiments

One rod shape sample of Inconel 718 with a diameter of 11 mm and
a length of 40 mm was prepared by suction-casting under a pure argon
atmosphere using an arc-melter (ABJ-338, manufactured by Materials
Research Furnaces Inc). AM Inconel 718 samples were built by LPBF
using an EOS M 290 machine with default laser melting parameters
[70] with the laser power of 285 W, the scan velocity of 960 mm/s, and
the hatching space of 0.11 mm. The hatch lines between adjacent layers
have a rotation angle of 67°. The compositions of the suction-cast alloy
and the AM alloy are listed in Table 1, which shows the composition of
the two alloys are very close. Both alloys were sectioned into parts and
encapsulated into vacuumed quartz tubes with back-filled pure argon.
Afterward, samples were homogenized at 1180 °C for 20 min, 1 h, or 12
h followed by quenching in ice-water. Table 2 is a list of notations for
eight samples under different homogenization conditions.

After the heat treatment, all eight samples were surface polished

Fig. 1. Available temperature profiles of heat treatment for the conventional Inconel 718 alloys.
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followed by microstructure analysis with electron microscopy. SEM
(scanning electron microscopy, Zeiss Sigma 500 V P, Carl Zeiss AG) and
EDS (Oxford Instruments plc) characterizations were carried out for
microstructure morphology observation and composition determina-
tion. Phase fractions were estimated by analyzing the SEM images using
the ImageJ software package. EBSD (electron backscatter diffraction,
FEI Scios Dual-Beam, FEI Company) was used to study recrystallization
process of the homogenized samples with a mapping area of
1200 μm×1200 μm and step size of 1.2 μm. The EBSD results were
analyzed by the OIM Analysis™ v8 software package. TEM (transmis-
sion electron microscope) samples were mechanically thinned to about
50 μm, and further polished using an automatic twin-jet electropolisher
(Model 110, E.A. Fischione Instruments, Inc.) with a voltage of 15 V at
−30 °C. The electropolishing solution is a mixture of 10 vol.% per-
chloric acid and 90 vol.% methanol. TEM characterization was con-
ducted on H-9500 E-TEM (Hitachi, Ltd.) under an acceleration voltage
of 300 kV.

3. Results and discussion

3.1. Microstructures of as-cast and as-built samples

Microstructure evolution in suction-cast and LPBF alloys during
homogenization are shown in Fig. 3 as SEM-BSE (backscattered elec-
tron) images for comparison. As shown in Fig. 3(a), in the as-cast
sample, the grains formed during the solidification are equiaxial with a
diameter between 10 and 20 μm. Irregular-shaped Nb-rich Laves_C14
phase forms along grain boundaries as the predominant precipitate. A
small fraction of blocky NbC carbides is encompassed by the Laves_C14
precipitates, as shown in Fig. 3(a), which is consistent with the Scheil-
Gulliver solidification model-prediction. As predicted by Scheil-Gulliver
simulation in Fig. 3(c), the formation temperature of NbC carbides
(1298 °C) is higher than that of the Laves_C14 phase (1170 °C). How-
ever, the δ phase can be observed neither in the alloys by suction-
casting nor LPBF.

Fig. 3(e) shows the as-built microstructure of the X-Z plane (along
building direction Z) of the as-built sample. Due to the large directional
thermal gradient introduced by laser melting, columnar grains grow
along the direction normal to the edge of single arc-shaped melt pools,
as depicted by yellow chained lines in Fig. 3(e). It should be noted that
both very fine columnar (with a width of ∼1 μm) and cellular (with a
diameter of ∼2 μm) subgrains can be found within the relatively larger
grains of the overlapped melt pool areas, as indicated in Fig. 3(e). The
only secondary phase observed in the as-built sample is the Laves_C14
phase, which forms along grain boundaries of both the columnar and
cellular subgrains due to Nb segregation. The phases are further con-
firmed using XRD (X-ray diffraction).

As discussed earlier, Nb is of vital importance for the formation of
strengthening phases, while its microsegregation leads to the formation
of the detrimental Laves_C14 phase. Hence, it is critical to control the
Nb segregation during homogenization to ensure a high Nb homo-
geneity in the γ matrix to promote strengthening precipitation such as
γ" and γ' phases in subsequent heat treatment steps. The LPBF can
produce alloys with a better initial Nb homogeneity due to the solute
trapping effect, which is caused by the rapid solid-liquid interface ve-
locity during fast solidification in the laser melting process [71].

3.2. Phase transformations in homogenized alloys

Phase transformation behaviors during homogenization at 1180 °C
in both suction-cast and AM alloys can be analyzed through Fig. 3. For
the suction-cast alloys, 20-min and 1-h homogenization at 1180 °C can
dissolve most of the Laves_C14 phase in the as-cast microstructure and
remain the NbC carbides formed during solidification. However, some
remaining Laves_C14 particles can still be observed near the NbC car-
bides, as shown in Figs. 3(b) & (c). After 12-h homogenization

Fig. 2. CALPHAD-based thermodynamic calculation for Inconel 718 based on
the alloy composition Ni-18.5Fe-18.3Cr-4.99Nb-3.04Mo-1.02Ti-0.55Al-0.051C-
0.23Mn-0.39Co-0.07Cu-0.08Si (in wt.%) of the suction cast alloy. (a) equili-
brium step diagram; (b) nonequilibrium step diagram by suspending the δ
phase; (c) nonequilibrium solidification paths predicted by the Scheil-Gulliver
simulation.
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(Fig. 3(d)), the Laves_C14 phase dissolves completely, and only NbC
carbides can be observed as precipitates. For the AM alloys, no NbC
carbide can be observed in the as-built alloy, which is probably due to
its precipitation is suppressed by the fast solidification rate. 20-min
homogenization (Fig. 3(f)) causes the Laves_C14 phase formed in the as-
built condition to dissolve into the γ matrix completely. Meanwhile,
only a very small amount of NbC carbides can be found to form along
grain boundaries in sample AM20m. Microstructure evolution shown in
Figs. 3(f)–(h) demonstrate that the homogenizations at 1180 °C for a
long time can promote more NbC carbide formation. A notable increase
of the particle size of NbC carbides can be identified in sample AM12h
(Fig. 3(h)) after 12-h homogenization by comparing with samples
AM20m (20-min, Fig. 3(f)) and AM1h (1-h, Fig. 3(g)).

Table 3 summarizes the fractions of Nb-rich phases in suction-cast
and AM alloys. Since both Nb-rich phases, NbC carbide and Laves_C14
phase, form together, it is challenging to differentiate them for statis-
tical analysis. Instead, the total fraction of the Nb-rich phases was es-
timated according to the SEM-BSE image to quantify the difference
between suction-cast and AM alloys. The total phase fraction of the Nb-
rich phases decreases during the homogenization process in suction-
cast alloys, while it increases for the AM alloys. After 12-h homo-
genization, the Nb-rich phase fraction of suction-cast alloys becomes
close to the one of the AM alloys and approaches a constant, 0.47 %,
which is consistent with the CALPHAD model-prediction on the amount
of equilibrium NbC showed in Fig. 2(a). This is because an extended
homogenization time will cause the two alloys to approach equilibrium
states. However, since there are plenty of NbC carbides in the as-cast
alloy, whereas the higher solidification rate results in essentially the
absence of NbC carbides in the as-built alloy, the fraction of Nb-rich
phases in the suction-cast alloy is decreasing, but in AM alloys it is
increasing.

From the analysis of the phase transformations above, it can be
speculated how the Nb homogeneity change in both alloys during
homogenization. In the as-cast sample, the Laves_C14 phase usually
locates near NbC carbides. Due to the dissolution of the Laves_C14
phase, as can be observed in samples AC20m (Fig. 3(b)) and AC1h
(Fig. 3(c)), the Nb will be released, and dissolve into the γmatrix, hence
the Nb homogeneity around NbC particles should increase. However,
for the AM samples, owing to the increase of NbC carbides from almost
0 % in sample AM20m to 0.36 % in sample AM12h (Table 3), it can be
inferred that the formation of NbC is due to the accumulation of Nb
near the NbC nuclei. Such a process will decrease the Nb homogeneity.
Consequently, the homogeneity of the Nb content in the Inconel 718
alloy, which only contains 5 wt.% Nb (i.e., 3.4 at.% Nb), can be sig-
nificantly influenced by the homogenization process. It should be noted
that the initial homogeneity of Nb in Inconel 718 can affect its

distribution in the homogenized samples, and can further influence the
precipitation of Nb-rich phases (such as γ" and δ phases) in the sub-
sequent isothermal/athermal processes. Therefore, it is essential to
further evaluate the evolution of Nb homogeneity during homo-
genization processes for the optimization of post-heat treatment of In-
conel 718.

In order to further quantify the Nb homogeneity, the Nb con-
centration distribution of the γ matrix in the vicinity of NbC carbides
was determined by EDS point identification. For each sample, three
NbC carbides were studied, and an average value was taken to represent
the Nb homogeneity of the sample. There are three steps in the EDS
point identification, which is illustrated in Fig. 4(a): (i) a
10 μm×10 μm square matrix is identified with the position of a typical
NbC particle at the center; (ii) the EDS point identification was per-
formed for Nb concentrations on 24 nodes which are evenly distributed
within the square, the step size between each node is 2.5 μm. (iii) the
average Nb concentration for each node was calculated for contour
diagram plots shown in Fig. 4(b). According to this, it is observed that
the general trend of the evolution of Nb homogeneity for suction-cast
alloys decreases with homogenization time, whereas for AM alloys the
trend is the opposite.

3.3. Grain size evolution: recrystallization and precipitates-pinning effects

Figs. 5–7 present the grain size evolution and the recrystallization
behaviors in both suction-cast and AM alloys, which were observed
under EBSD. It should be pointed out that because of the large grain size
observed in samples AC1h and AC12h, two extra EBSD scans with
mapping areas of 2500 μm×2500 μm were conducted in addition to
the 1200 μm×1200 μm mapping areas used for all samples. The grain
characteristics such as average grain size and grain size distribution of
samples AC1h and AC12h are calculated from the 2500 μm×2500 μm
mappings. As depicted in Fig. 5, for the suction-cast alloys, the average
grain size increases significantly with increased homogenization dura-
tion. However, the grain size evolution is opposite in the AM samples.
Surprisingly, the grain size in the sample AM12h after 12-h isothermal
treatment at 1180 °C is even smaller than AM20m, which is heat-treated
for 20 min.

In the left column of Fig. 6, i.e., Figs. 6(a)–(e), the microstructure
evolution of suction-cast alloys during isothermal heat treatment at
1180 °C is presented based on the analysis of the inverse pole figure
(IPFs) orientation maps. The IPF orientation maps with
2500 μm×2500 μm mapping areas for samples AC1h and AC12h are
shown in the subfigures of Figs. 6(d)&(e), respectively. Fig. 6(a) shows
the evolution of grain size distribution for suction-cast alloys with the
as-cast state (AC in Fig. 6(b)) and homogeneous states at 1180 °C for 20

Table 1
Nominal compositions of alloying elements in cast alloy and AM powders.

wt.% Fe Cr Nb Mo Ti Al Mn Co Cu Si C

cast 18.50 18.30 4.99 3.04 1.02 0.55 0.23 0.39 0.07 0.08 0.051
AM 18.26 18.87 4.97 2.97 0.94 0.46 0.06 0.23 0.05 0.06 0.03

Table 2
Sample notations and homogenization conditions of the present work.

Sample notations Manufacturing methods Homogenization conditions

AC Suction-casting –
AC20m Suction-casting 1180 °C for 20 minutes with water quench
AC1h Suction-casting 1180 °C for 1 hour with water quench
AC12h Suction-casting 1180 °C for 12 hours with water quench
AB AM-LPBF –
AM20m AM-LPBF 1180 °C for 20 minutes with water quench
AM1h AM-LPBF 1180 °C for 1 hour with water quench
AM12h AM-LPBF 1180 °C for 12 hours with water quench
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min (AC20m in Fig. 6(c)), 1 h (AC1h in Fig. 6(d)), and 12 h (AC12h in
Fig. 6(e)). The area-weighted distribution is used in this work because
the long-time homogenization leads to coarsened grains and reduced
grain numbers in cast alloy; therefore, it can reflect the relationship
between grain characteristics and materials properties in a more sui-
table way. The unimodal grain size distribution of sample AC20m
shown in Fig. 6(a) indicates a uniform grain growth during the homo-
genization of the as-cast samples at 1180 °C for 20 min with the mi-
crostructure evolution from Figs. 6(b)–(c). After 1-h homogenization, a
bimodal grain size distribution shown in Fig. 6(a) indicates a dis-
continuous grain growth. The left peak of the grain size distribution
curve of AC1h implies the initial grains, and the right peak represents
the grown grains from AC20m. This can be observed through a com-
parison between Figs. 6(c)and(d). As illustrated in Fig. 6(e), sig-
nificantly coarsened grains can be found in sample AC12h with some
small grains remained at the triple junctions of these coarsened grains.
Correspondingly, a trimodal grain size distribution can also be observed
in sample AC12h (Fig. 6(a)), of which two peaks appearing with smaller
grain diameters of 150 μm and 400 μm. The distinct large and small
grains observed in sample AC12h (Fig. 6(e)) indicate an abnormal grain
growth during homogenization.

According to Hillert [72], the abnormal grain growth can be in-
itiated by a continuous decrease of a factor =z f r3 /4 , which represents
the dispersion level of secondary phase particles [73]. The f and r re-
present the phase fraction and particle size of the secondary phase,
respectively. The decrease of phase fraction and/or increase of particle
size of the secondary phase will lead to a decrease of the dispersion

level z and thus reduce the pinning effects of the particles. When there
are much larger grains existing in such circumstances, abnormal grain
growth can occur. Accordingly, in our case, the occurrence of abnormal
grain growth found in suction-cast alloys during homogenization
should be attributed to the continuous dissolution of the Laves_C14
phase.

Using the method introduced by Kusama et al. [74], the abnormal
grain growth rate is estimated and compared with experimental data.
The details of the calculation are given in the Appendix A. The calcu-
lation shows the experimental abnormal grain growth rate in sample
AC12h is × − m s4.7 10 /9 , which is much slower than the theoretical
prediction of × − m s2.067 10 /5 , indicating the particles of NbC carbides
and Laves_C14 phase uniformly distributed can drag the grain bound-
aries, and thus retard their movement.

In the middle column of Fig. 6, i.e., Figs. 6(f)–(j), the microstructure
evolution of AM alloys during isothermal heat treatment at 1180 °C is
presented based on the analysis of the IPF orientation maps. Fig. 6(f)
shows the evolution of grain size distribution for AM alloys made by
LPBF with the as-built state (AB in Fig. 6(g)) and homogenized state at
1180 °C for 20 min (AM20m in Fig. 6(h)), 1 h (AM1h in Fig. 6(i)), and
12 h (AM12h in Fig. 6(j)). In Fig. 6(f), the small peak at a grain dia-
meter of 50 μm in the grain size distribution curve of AM20m indicates
the initiation of recrystallization in sample AM20m. After 1-h homo-
genization, three distinct peaks can be observed in the grain size dis-
tribution curve for sample AM1h (Fig. 6(f)). The average grain size of
sample AM1h (Fig. 5) also becomes a smaller value of 128 μm. After 12-
h homogenization, the average grain size value in sample AM12h

Fig. 3. SEM-BSE micrographs of Inconel 718 suction-cast alloys with (a) as-cast state, AC; and with homogeneous states at 1180 °C for (b) 20 min, AC20m; (c) 1 h,
AC1h; (d) 12 h, AC12h. SEM-BSE micrographs of AM-LPBF Inconel 718 alloys with (e) as-built state, AB; and with homogeneous states at 1180 °C for (f) 20 min,
AM20m; (g) 1 h, AM1h; (h) 12 h, AM12h. The representative NbC carbides and Laves_C14 phase in each sub-figure are shown in the magnified SEM images on the
right-hand side thereof.

Table 3
Variation of the total phase fraction of both NbC and Laves_C14 phases during homogenization at 1180 °C.

Homogenization time 0 20 min 1 h 12 h

Suction casting 13.13 %±1.3 % 0.73 %±0.07 % 0.65 %±0.07 % 0.47 %±0.05 %
Additive manufacturing 6.52 %±0.7 % ∼0 0.05 %±0.005 % 0.36 %±0.04 %

Y. Zhao, et al. Additive Manufacturing 36 (2020) 101404

5



decreases further down to 113 μm (Fig. 5). The grain size distribution of
AM12h is close to unimodal (Fig. 6(f)). The grain size is not sig-
nificantly increased after 12-h homogenization at 1180 °C from sample
AM1h to sample AM12h, especially when compared with that in the
cast alloys. This is likely due to the Zener pinning effects introduced by

the NbC particles [72].
The Zener pinning effect [57,58,72,75] of the fine carbide particles,

NbC, at the grain boundaries is confirmed by the TEM characterization
on sample AM12h, as shown in Fig. 6(k). It is found that dispersed NbC
particles distribute along and near grain boundaries, indicating that the

Fig. 4. (a) Illustration of EDS point identification for Nb homogeneity determination (taking sample AC12h, homogenized suction-cast alloy at 1180 °C for 12 h as an
example); (b) Nb concentration contour diagrams (10×10 μm) in γ matrix around NbC carbides for presenting Nb homogeneity. The NbC carbides are profiled by
dashed black squiggles.
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fine NbC carbides precipitating along with recrystallization at or near
grain boundaries can impede grain boundary movement effectively and
hence refine the grain size. Contrarily, no pinning effect was found in
suction-cast alloys mainly due to the large NbC particle size in the early
stage of homogenization and their average distribution inside of the
matrix of the grains.

Grain orientation spread (GOS) generated from EBSD analysis is
useful for quantifying microstructure attributes during recrystallization
[76–86]. The average GOS [86] of one grain i is defined as

∑=i
J i

ωGOS( ) 1
( ) j

ij
(1)

of which J(i) represents the pixel numbers of the grain i, ωij is the
misorientation angle between the orientation of pixel j and the mean
orientation of grain i.

The GOS value represents the degree of grain distortion. A larger
distortion within one grain leads to a higher GOS value. The GOS value
for recrystallized grains should be low since less stored energy saved in
these grains [79]. As reviewed by Hadadzadeh et al. [79], the threshold
of the GOS can be selected between 1–5° for identifying recrystallized
grains. Nevertheless, the GOS values are relatively low in the present
study, since the samples are free from external deformation. Therefore,
it is hard to determine the recrystallized grains by solely defining a
threshold of the GOS. Alternatively, the recrystallization behaviors can
be studied through a combined analysis of both grain size and GOS. The
GOS distribution and mapping diagrams of the homogenized samples
are presented in Fig. 7. The GOS maps with 2500 μm×2500 μm
mapping areas for samples AC1h and AC12h are shown in the sub-
figures of Figs. 7(d)&(e), respectively. The area-weighted GOS dis-
tribution is used following the same reasons proposed in grain size
distribution analysis.

A further investigation on the GOS of suction-cast alloys
(Figs. 7(a)–(e)) shows that it experiences an increase from sample AC to
sample AC20m, and then decreases slightly in sample AC1h. The in-
crease of GOS in sample AC20m can be attributed to the strains in-
troduced by grain growth and dissolution processes of the Laves_C14
phase, which reduced from 13.13 % in the as-cast state to 0.73 % in the
20-min homogenized state (Table 3). With 1-h homogenization, both
GOS and phase fraction of Laves_C14 get reduced. After 12-h homo-
genization, the GOS in sample AC12h increases, which is due to the
increased grain size [86] caused by abnormal grain growth.

The GOS evolution observed in AM alloys experiences a decrease
from sample AM20m to AM1h, while it slightly increases in sample
AM12h, as shown in Figs. 7(f)–(j). Sample AM20m has relatively high
GOS values, probably because of the distortion accumulation due to

residual stress introduced during the LPBF process [31]. Sample AM1h
shows the lowest and uniform GOS distribution (Figs. 7(f)&(i)), in-
dicating almost all grains are continuously recrystallized. The GOS in
sample AM12h (Figs. 7(f)&(j)) increases slightly compared with sample
AM1h, whereas it is still at a low level. The reason for such a change can
be attributed to the deformation induced by Nb accumulation to form
more NbC carbides with significantly increased particle size, as shown
in Table 3 and Fig. 3(h).

3.4. Dislocation behaviors in homogenized Inconel 718

For the homogenized AM alloys, a large number of dislocations were
found in the vicinity of NbC carbides and grain boundaries. The inter-
actions of dislocation-carbide and dislocation-grain boundary can in-
fluence the precipitation and grain boundary hardening remarkably.
Fig. 8 shows multiple dislocation behaviors observed in sample AM12h
by TEM. A considerable amount of parallel dislocation arrays/loops are
present in the vicinity of larger NbC carbides around 200∼300 nm in
diameter. However, the dislocation arrays/loops surrounding small
NbC carbides are rarely found. This may be because small NbC carbides
have coherency with γ matrix, as demonstrated by the selected area
electron diffraction shown in the inset of Fig. 8(b). The small NbC
carbides have similar diffraction patterns to the matrix, with the pre-
ferred orientation relationship of (022) [233] //(111) [112]NbC NbC γ γ . The
comparison of the number of dislocations between carbides with var-
ious sizes indicates the generation of dislocations around large NbC
carbides results from the loss of coherency of NbC/γ phase boundaries
during the growth of carbides particles, as illustrated in Fig. 8(a) & (c),
which is consistent with other reported experiments [87–89]. Further-
more, the relief of residual stress during the homogenization process
may generate local strains inside of the matrix, while once the local
strain field encounters impediment from NbC carbides, dislocations can
be emitted to reduce the energy [90]. These two factors contribute to
the generation of dislocations and make large NbC carbides be the
dislocation sources. Direct evidence of NbC carbides being dislocation
sources is noted in Fig. 8(a) by the yellow arrow (i.e., the one on the
right-hand-side pointing to the left), of which dislocation loops are
emitted from NbC carbides with a larger size, about 200 nm in dia-
meter.

The dislocations in sample AM12h mainly appear in planar arrays
(Figs. 8(a),(c)&(d)), yet tanglings and cells caused by a cross slip of
dislocations are seldom found. Such a situation agrees with the ob-
servation from the work of Sundararaman et al. [91], where the reason
lies in the intermediate stacking fault energy of Inconel 718 (50∼70
mJ/m2) [91,92], which is sufficiently low to inhibit cross slip during
homogenization. However, the stacking fault energy of Inconel 718 is
not such low to form stacking faults bounded with separated partial
dislocations [91]. Likewise, no such stacking fault structure is found in
the present work. In fact, when applying external stresses, dislocation
tanglings and cells can be formed by cross slip, as reported in the work
of Zhang et al. [60]. The present and previous studies indicate the
dislocation behaviors can be changed depending on various conditions
for the range of stacking fault energy in Inconel 718.

The interactions between dislocations and precipitates in sample
AM12h are found to follow both Orowan bowing and dislocation cut-
ting mechanisms. As indicated by the red arrows (the first three counted
from the left-hand-side) in Fig. 8(a), dislocations cut through small
particles and bow around large particles while moving to grain
boundaries. The dislocation arrays are impeded by grain boundaries
then pile up (Figs. 8(a)&(d)). According to Kondo et al. [93], the in-
teractions between dislocations and grain boundaries are related to the
rotation of the Burgers vector when the dislocation is to cross the grain
boundaries, leaving a residual dislocation. The formation of the residual
dislocation requires additional energy, making the process energetically
unfavorable. Consequently, dislocations are prone to pile up at grain
boundaries. Further dislocation pileup leads to new dislocation

Fig. 5. The average grain size of suction-cast and AM-LPBF alloys before and
after homogenization at 1180 °C.
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Fig. 6. Grain size distribution of (a) suction-cast alloys; and inverse pole figure (IPF) orientation maps from EBSD of suction-cast Inconel 718 alloys with (b) as-cast
state, AC; and with homogeneous states at 1180 °C for (c) 20 min, AC20m; (d) 1 h, AC1h; (e) 12 h, AC12h. Grain size distribution of (f) AM-LPBF alloys; and IPF
orientation maps of AM-LPBF Inconel 718 alloys with (g) as-built state, AB; and with homogeneous states at 1180 °C for (h) 20 min, AM20m; (i) 1 h, AM1h; (j) 12 h,
AM12h. (k) TEM micrograph of sample AM12h.
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Fig. 7. GOS distribution of (a) suction-cast alloys; and grain orientation spread (GOS) maps from EBSD of suction-cast Inconel 718 alloys with (b) as-cast state, AC;
and with homogeneous states at 1180 °C for (c) 20 min, AC20m; (d) 1 h, AC1h; (e) 12 h, AC12h. GOS distribution of (f) AM-LPBF alloys; and GOS maps of AM-LPBF
Inconel 718 alloys with (g) as-built state, AB; and with homogeneous states at 1180 °C for (h) 20 min, AM20m; (i) 1 h, AM1h; (j) 12 h, AM12h.
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generation in the adjacent grain, as marked by the red arrows in
Fig. 8(d), the activation of new dislocations is able to release local
strains and lower the possibility of propagation of cracks, which affects
the hardening of the alloys. The aforementioned interactions of dis-
locations/NbC carbides/grain boundaries also result in the subsequent
Zener pinning effect on grain boundaries, which is beneficial to the
recrystallization and grain refinement.

4. Conclusions

• This work presents a comparative analysis of the microstructure
evolution at 1180℃ in Inconel 718 alloys made by suction-cast and
AM-LPBF. The initial microstructures of the as-cast and as-built
samples are very different, such a difference can influence the Nb
homogeneity of the matrix, which is found to be a critical factor for
grain morphology development during homogenization. The Nb
homogeneity increases in suction-cast alloys, whereas it decreases in
AM alloys with the time increases during isothermal heat treatment
at 1180℃.

• Phase transformations during homogenization in suction-casting are
dissimilar to the ones in AM alloys mainly due to divergent initial
solidification microstructure. In suction-cast alloys, the Laves_C14
phase remains during 1-h short-time homogenization and dissolves
after 12-h long-time homogenization. In AM alloys, the Laves_C14
phase dissolves completely within 20-min homogenization accom-
panied by the growth of the NbC carbide, which continues in the
entire homogenization process.

• Abnormal grain growth is observed in suction-cast alloys with in-
creased homogenization time, while the grain growth is impeded,
and the average grain size is even refined in AM alloys for longer
homogenization durations. The recrystallization process is found to
be continuous for the AM alloys. The grain refinement is attributed
to Zener pinning effect by NbC carbides.

• Multi-types of dislocation behaviors are observed in homogenized

AM alloys, which may affect the hardening of the alloys. NbC car-
bides losing coherency with the matrix are identified as dislocation
sources. The growth of NbC carbides and the release of local strains
during homogenization processes are two major factors contributing
to the dislocation generation.

• Dislocations generated in the homogenized AM alloys are found to
be arrays/loops, which can be interpreted by the intermediate
stacking fault energy of Inconel 718. Both Orowan bowing and
dislocation cutting mechanisms are found regarding the dislocation-
precipitate interaction. The pileup of dislocations at grain bound-
aries can activate new dislocation arrays in the adjacent grain,
which is conducive to local strain relief and preventing initiation of
cracks to harden the alloys.

• This work indicates a well-designed homogenization for Inconel
alloys is essential during the post-heat treatment for AM processes.
In addition, the homogenization above the incipient melting of the
Inconel 718 can successfully reduce the grain texture inherited from
the LPBF process.
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Appendix A. Calculation and experimental results of abnormal grain growth rate for the suction-cast sample homogenized at 1180 °C for
12-h, AC12h

According to Kusama et al. [74], the grain growth rate can be expressed as:

= ∙
dR
dt

M GΔgb
(1)

of which R is the radius of a grain, t is the time, Mgb is the grain boundary mobility, GΔ is the driving pressure of the grain growth.
The GΔ includes two contributions: GΔ s, which represents the driving pressure from subgrain boundaries, and GΔ h, which is the driving pressure

from pre-existing high-angle grain boundaries. In this work, no subgrains are observed. Hence GΔ becomes:

= = −G G σ V C
R

C
R

Δ Δ ( )h h m
n

n

a

a (2)

where σh is the grain boundary energy, which is not readily available. The only reported value for the grain boundary energy in Inconel 718 is
considered as 0.424 J/m2 from Nishimoto et al. [94] during the study of grain boundary liquation. This value is comparable with other work for the
Inconel alloys [95]. Vm is the molar volume of Inconel 718, and is calculated to be × − m mol7.38 10 /6 3 using the TCNI8 database released by the
Thermo-Calc software AB. Rn and Ra are the mean radii of normal grains and abnormal grains, respectively. The value of Rn is taken as 113.5 μm
(representing the left peak of grain size distribution in sample AC1h, Fig. 6(i)), and Ra is estimated to be 406.6 μm (representing the weighetd
average grain size of abnormal grains in sample AC12h). Cn and Ca are constants, and are taken as 1.5 and 1, respectively, for 3D growth case and
when ≪R Rn a [74]. The value of GΔ is calculated as 0.0337 J/mol.

The grain boundary mobility Mgb is calculated by:

=M D
δRT

gb
gb

(3)

where δ is the grain boundary thickness and is used as × − m5 10 10 [74,96,97], R is the constant of the ideal gas, T is the temperature, i.e., 1453.15 K
(1180 °C). Dgb is the diffusivity of the grain boundary. Due to the lack of experimental data of Dgb in Inconel 718, experimental parameters measured
by Cermak [96] in a Ni-10.04Fe-18.98Cr (in wt.%) alloy are adopted. The Dgb is estimated by [96,97]:

=
∙

−D
s δ

sδD Q
RT

1 { } exp( )gb gb
gb

0 (4)

where s is the segregation factor, which equals to the ratio of the concentrations of an element i in the grain boundary and in the matrix near the
grain boundary. It is found that when the content of Cr approaches to about 20 wt.%, the gradients of elemental concentrations near grain
boundaries are small, and the values of s of Cr and Fe can be considered as 1 [96]. In our case, the concentration of Cr in Inconel 718 is about 19 wt.
%, which is close to the threshold of 20 wt.% in [96]. Additionally, it is reasonable to speculate that the high-temperature and long-time homo-
genization applied on the alloys can reduce the grain boundary segregation to a relatively low level. Therefore, =s 1 is an acceptable assumption.
sδD{ }gb

0 is the pre-exponential factor andQgb is the activation energy of grain boundary self-diffusion [96,97]. The values of sδD{ }gb
0 andQgb are taken

as × − m s1.349 10 /10 3 and × J mol2.187 10 /5 from [96], respectively. These values are for the diffusion of Fe in the grain boundaries of the Ni-10.04Fe-
18.98Cr (in wt.%) alloy, since the diffusion of Fe was found to be slower than that of Cr, as reported in [96], becoming a controlling factor of grain
boundary movement. The Dgb is calculated to be × − m s3.71 10 /9 2 .

The Mgb is estimated to be × ∙ ∙− mol m J s6.142 10 /( )4 . Hence, the theoretically predicted abnormal grain growth rate is = × −dR dt m s/ 2.067 10 /5 .
The experimental abnormal grain growth rate for the suction-cast sample homogenized at 1180 °C for 12 h, i.e., the sample AC12h, is determined

as follows. The grain growth from the beginning (0 h) to 12 h can be described by:

− =R t R kt( )2
0
2 (5)

where R t( ) is the average abnormal grain radius at time t , and R0 is the initial grain radius at the time t0. In this case, R t( ) is Ra, and R0 is the average
grain radii (16 μm) in the as-cast sample, respectively. k is a constant and calculated as × − m s3.82 10 /12 2 , and =t h12 . Thus the experimental value of

=t h( 12 )dR
dt is × − m s4.7 10 /9 .

Appendix B. Supplementary data

Supplementary material related to this article can be found, in the online version, at doi:https://doi.org/10.1016/j.addma.2020.101404.
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